The effects of postweld heat treatment (PWHT) on 3.2-mm-and 5.1-mm-thick Ti-6Al-4V butt joints welded using a continuous wave (CW) 4-kW Nd:YAG laser welding machine were investigated in terms of microstructural transformations, welding defects, and hardness, as well as global and local tensile properties. Two postweld heat treatments, i.e., stress-relief annealing (SRA) and solution heat treatment followed by aging (STA), were performed and the weld qualities were compared with the as-welded condition. A digital image correlation technique was used to determine the global tensile behavior for the transverse welding samples. The local tensile properties including yield strength and maximum strain were determined, for the first time, for the laser-welded Ti-6Al-4V. The mechanical properties, including hardness and the global and local tensile properties, were correlated to the microstructure and defects in the as-welded, SRA, and STA conditions.
I. INTRODUCTION
FOR structural applications, the utilization of titanium alloys has several benefits over steel and aluminum alloys. Specifically, the combination of low density, good tensile properties (up to a temperature of 873 K [600°C]), good corrosion resistance, and chemical compatibility with, for example, carbon fiber-reinforced composite renders a high attraction for applications especially in aerospace. [1, 2] Of the various titanium grades, the most popular is Ti-6Al-4V, an a + b alloy that contains 6 wt pct Al to stabilize the HCP a-phase and 4 wt pct V to stabilize the body-centered cubic b-phase at room temperature.
Of importance for increasing the application of titanium alloys is the development of cost-effective joining processes that render high mechanical performance of the structural assembly. For fusion welding processes, titanium exhibits some excellent characteristics such as good fluidity of the molten metal and low thermal conductivity. [3] However, the high reactivity of titanium with atmospheric gases at temperatures above 673 K (400°C) and especially in the liquid state [4] has traditionally led to the utilization of high-vacuum electron beam welding for component assembly, particularly for the aerospace industry. Recent advancements in high-power laser technology have resulted in the ability to use lasers for the manufacturing, repair, and overhaul of titanium alloys for aircraft structures and aero engine components. With adequate shielding gas protection, titanium alloys can be laser welded and the joints can be similar in quality and performance to the electron beam welds. Particularly, the high energy density of laser welding allows low heat input and fast welding speeds (high productivity) that can produce a high aspect ratio weld (penetration depth/bead width) with a narrow heat-affected zone (HAZ), low distortion, and high weld quality including refined prior-b grain size. In addition, laser welding of titanium alloys with local shielding gas protection offers manufacturing flexibility as well as ease of automation. [5] [6] [7] Of the various titanium grades, Ti-6Al-4V has been reported to have good weldability, but its strength, ductility, and toughness may be significantly varied, depending on the thermal cycling history during manufacturing. [8] Despite the extensive amount of literature on the weldability of Ti-6Al-4V, the effect of postweld heat treatment (PWHT) on the mechanical performance of Ti-6Al-4V laser welds has not been well understood. The aim of this work is, therefore, to discuss the effects of two common PWHT processes typically utilized for Ti-6Al-4V welds, namely stress-relief annealing (SRA) and solution heat treatment followed by aging (STA), on the weld properties and to compare these with the as-welded performance.
II. EXPERIMENTAL PROCEDURE
A. Material, Welding Equipment, and Procedure
As-received mill-annealed grade 5 Ti-6Al-4V sheets (AMS 4911) with two thicknesses (3.2 mm and 5.1 mm)
were sectioned into coupons with dimensions of roughly 75 mm in length by 38 mm in width. Table I shows the presence of alloying elements in the Ti-6Al-4V material.
The faying and adjacent surfaces of each specimen were brushed and then cleaned with ethanol to remove any surface oxides and contaminants prior to clamping and welding. The welding equipment consisted of a 4-kW continuous wave solid-state Nd:YAG laser system equipped with an ABB robot and a magnetic holding fixture. A collimation lens of 200 mm, a focal lens of 150 mm, and a fiber diameter of 0.6 mm were used to produce a focusing spot diameter of approximately 0.45 mm. Because of the high reactivity of titanium with atmospheric elements, especially at high temperatures and in the liquid state, adequate measures were taken to shield the molten pool and the heated surfaces until these regions were cooled below 573 K (300°C). Highpurity argon at a flow rate of 23.6 L min À1 (50 cfh) was used to shield the top surface of the work piece. The shielding of the root and the trailing gas shield on the top surface were performed using helium at a total flow rate of 66.1 L min À1 (140 cfh). The laser beam was focused at 1 mm below the top surface of the work piece; i.e., the defocusing distance was fixed at -1 mm in this study. The joint gap was fixed at 0.3 mm for both thicknesses and Ti-6Al-4V filler wire (AMS 4956A ELI), with a nominal diameter of 1.14 mm, was fed at a fixed angle of 30 deg relative to the top surface of the work piece. The filler wire feed rate was calculated from the volume flow rate constancy equation
Wire feed rate = Welding speed Â Gap area Filler wire area ½1 Table II lists the main laser processing parameters used in this work. These optimum parameters were selected based on the previous work. [9] [10] [11] [12] [13] 
B. Postweld Heat Treatments
In this study, two PWHT conditions were investigated: SRA (an annealing heat treatment to relieve stress) and STA (a full heat treatment to solution heat treat and age). The SRA was performed by heating the specimen to 811 K (538°C) for 4 hours followed by argon quenching, whereas the STA was carried out by solution heat treating the specimen at 1186 K (913°C) for 45 minutes followed by argon quenching and then aging at 811 K (538°C) for 4 hours followed by argon quenching. As the temperatures and cycling for the SRA and aging heat treatments are similar, the effect of the postweld aging was also investigated in this way.
C. Microscopy
Three transverse sections were cut from each joint for metallographic examination to analyze the weld integrity and microstructure using optical microscopy. After sectioning, the samples were mounted using cold-setting epoxy resin, ground, and then polished using automated techniques to produce a mirror-like finish. Kroll's reagent (1 to 3 mL HF + 2 to 6 mL HNO 3 + 100 mL H 2 O) was used for 6 to 10 seconds, depending on the zones of interest. Microstructural examination was carried out using both an optical microscope and a scanning electron microscope (SEM). An inverted optical microscope (Olympus GX710; Olympus America, Center Valley, PA) equipped with a digital camera (XC50; Olympus America) and AnalySIS Five image analysis software (Olympus America) was used for the measurement of the joint geometry. A Hitachi SU-8000 FE-STEM (Hitachi, Tokyo, Japan) was used to characterize the microstructural features. Some selected fracture surfaces were examined using a JEOL JSM840 SEM (JEOL Ltd., Tokyo, Japan) at 15 kV with a probe current of 1 nA.
D. Microindentation Hardness Measurement
The Vickers microindentation hardness was measured using a Struers Duramin A-300 hardness tester (Struers A/S, Ballerup, Denmark) at a load of 500 g, a dwell period of 15 seconds, and an interval of 0.2 mm. It is noteworthy that according to ASTM E384-05, [14] the spacing between two adjacent indentations must be at least three times the diagonal length of the indentation. Hence, the spacing between two adjacent indentations during hardness testing was selected to maximize the number of the hardness measurements in the narrow fusion zone and HAZ, while ensuring high accuracy in the values with a sizeable indentation. Under the loading conditions applied in this work, the diagonal length of the indentation was approximately 50 lm; therefore, a spacing of 200 lm (0.2 mm) was used.
E. Characterization of Tensile Properties
Three or four tensile samples were prepared for each joint according to ASTM E8M-04. [15] Two tensile samples for each joint were tested using a 250-kN MTS testing frame with a digital image correlation (DIC) system (ARAMIS; Gesellschaft fu¨r Optische Messtechnik [GOM], Braunschweig, Germany). The remaining tensile samples were tested using a 250-kN MTS testing frame equipped with a laser extensometer.
All the tensile samples were tested at room temperature and at a constant crosshead rate of 2 mmAEmin À1 over a gage length of 25 mm.
1. Digital image correlation DIC is a noncontact optical technique that can measure full-field two-dimensional or three-dimensional (3-D) surface deformations. It is a highly responsive method with wide tolerances in sample size that requires a simple surface treatment on the test samples. [16] [17] [18] [19] Two cameras are usually used for the 3-D DIC. Figure 1 shows a simple schematic of a 3-D DIC system where the orientations for the two cameras relative to the sample are indicated.
The surface treatment for DIC consists of applying a white color on the gage length of the sample, followed by spraying with a refined airbrush, resulting in black speckles onto the white background. [20] [21] [22] The size of the random speckles is very important and usually is very fine, on the scale of 1 to 100 lm. The DIC algorithm searches for a one-to-one association of points (pixels) in the series of the images taken during the testing and calculates the deformation for each stage.
III. RESULTS AND DISCUSSION
A. Weld Geometry Figure 2 shows the transverse sections of the laser welds in the as-welded, SRA, and STA conditions for both the 3.2-mm-and 5.1-mm-thick Ti-6Al-4V sheets. No significant differences in weld geometry were found between the as-welded and the two PWHT conditions.
B. Defects
Underfill and porosity were the two main defects as observed in the laser welds ( Figure 2 ). Loss of the material from the top surface as a result of evaporation and expulsion of the molten material is most likely the main reason for the formation of the underfill defect during laser welding of Ti-6Al-4V. This finding is in agreement with previous results on laser welding of aluminum [23] and titanium alloys [9, 24, 25] that have noted the occurrence of underfill defects at a high laser power and/or low welding speed (i.e., high heat input) as a result of the increased losses from evaporation and/or spattering of the material. Although a high welding speed reduces the heat input, the faster cooling rate shortens the solidification time of the liquid metal in the fusion zone (FZ), which can lead to insufficient material refill into the weld groove and thus help the formation of an underfill defect. [23] The presence of underfill defects reduces the cross-sectional thickness of the weld, which leads to local stress concentration and ''premature'' crack formation that reduce the tensile and fatigue strengths of the welds.
[26] Figure 3 shows a typical top surface underfill defect for sample 5. According to AWS D17-1, [27] the maximum underfill depth allowable in the weld is 7 pct of the sheet thickness, i.e., 0.22 mm and 0.36 mm for the 3.2-mm-and 5.1-mm-thick Ti-6Al-4V sheets, respectively. As the measured maximum underfill depths were 0.13 mm and 0.28 mm for the 3.2-mm-and 5.1-mm-thick joints, respectively, the Ti-6Al-4V laser welds manufactured in this work met AWS D17-1 requirements.
Porosity is another main concern for laser welding of Ti-6Al-4V, as shown in Figure 4 . Specifically, some scattered pores, usually located at the interface between the base metal and fusion zone, as well as pores at the centerline and the lower fusion zone, were observed. The mechanisms for the formation of porosity in titanium welds were dealt with in detail. [13] It is mainly caused by the gas bubbles that are from the dissolved hydrogen and/or the entrapment during welding, which cannot escape before solidification. Another possible source for the formation of gas porosity is the contamination from grease, oil, and dirt on the surfaces of the weld pieces and/or filler material. [13, 28, 29] For titanium joints, hydrogen is usually considered to be the primary source for the presence of gas porosity. [29] The bubbles usually tend to jump to hotter regions during solidification in most alloys. [30] However, the solubility of hydrogen in liquid titanium decreases with increasing temperatures. Therefore, bubbles tend to migrate from the hot weld center to the cold fusion boundary in titanium welds, explaining the presence of porosity near the fusion boundary. During solidification, the dissolved hydrogen is usually rejected from the liquid and appears at the solid/liquid interface. The center zone will be the last region of the weld to solidify and, thus, is usually enriched with hydrogen. In addition, the hydrogen-rich liquid in the center region has a low temperature at the late stage of solidification, and hence, the gas cannot effectively escape, leading to the presence of porosity in the center of the welds. [13] However, keyhole collapse may also contribute to porosity formation [7] if a sudden drop in vapor pressure results in slumping of the molten metal into the keyhole. [31] In particular, keyhole stability is related to the welding speed and the balance in forces acting on the keyhole wall (mainly vapor pressure and surface tension). [32] Usually, a stable keyhole can be achieved at high welding speeds only. [33] It is noteworthy that the pores caused by unstable keyholes are usually located in the lower half of the weld. [34, 35] The main concern related to the presence of porosity is a reduction in the weld cross-sectional area, especially when a large number of pores concentrated in one region can coalesce into large pores. Inevitably, the presence of porosity degrades the mechanical properties of the joints, usually affecting the ductility to a greater extent than the tensile strength. In this study, it was observed that the total percent porosity remained relatively low, 0.58 pct and 0.42 pct ( <1 pct area of the fusion zone) for the 3.2-mm and 5.1-mm joints, respectively. Lower porosity in the 5.1-mm welds is caused by its flotation and escape at the lower cooling rate as experienced in the thicker joints.
C. Microstructure Figure 5 shows the base metal (BM) microstructures for the two sheet thicknesses in the as-received, SRA, and STA conditions. The as-received BM microstructure of the 3.2-mm-thick Ti-6Al-4V sheet ( Figure 5(a) ) consisted of equiaxed a grains with intergranular b, whereas the 5.1-mm sheet consisted of equiaxed primary a grains and equiaxed transformed b grains with a coarse lamellar a + b structure ( Figure 5(b) ). The application of a SRA treatment showed no significant changes relative to the as-received BM microstructure under the microscope for the two sheet thicknesses ( Figures 5(c) and (d) ). However, STA (Figures 5(e) and (f)) was observed to change the BM microstructure from the as-received condition to a structure consisting of fine primary equiaxed a (white regions) and fine transformed b grains (dark regions in optical microscope image). High-magnification images using SEM reveal the presence of a fine interlamellar a + b structure within the ''dark'' transformed b grains of the BM microstructure in the STA condition (Figures 5(g) and (h) ).
For the two sheet thicknesses welded in the current study, the macrostructural and microstructural constituents of the HAZ and FZ, as observed by using optical microscopy, were similar. The FZ macrostructure of the Ti-6Al-4V laser welds (Figure 2 ) is characterized by columnar prior-b grains that epitaxially grow from the semimelted b grains in the near-HAZ and impinge at the weld centerline after solidification. Figures 6 and 7 show the microstructural characteristics of the FZ and HAZ in the as-welded, SRA, and STA conditions for the 3.2-mm and 5.1-mm welds, respectively. Within the prior-b grains, the FZ microstructure seemed to consist of martensite (diffusionless), or a combined structure of both martensitic and Widmansta¨tten (diffusional) a in the as-welded conditions, as shown in Figures 6(a) and (b), which is expected for the transformed b phase under the rapid solidification conditions typical of laser welding. It is interesting to note the formation of a thin a phase layer at the prior-b grain boundaries in the as-welded condition for the 5.1-mm welds (Figure 6(b) ) but not for the 3.2-mm joints (Figure 6(a) ). The precipitation of grain boundary a phase is usually observed at a cooling rate less than 683 K/s (410°C/s). [36] Titanium has a low heat conductivity coefficient and, thus, has a relatively low cooling rate during solidification, particularly for the thicker (5.1 mm) section. The appearance of a thin grain boundary a phase layer along the prior-b grain boundaries in the FZ of the 5.1-mm-thick welds suggests that the cooling rate is slightly less than 683 K/s (410°C/s) during cooling after laser welding. In contrast, the absence of the grain boundary a phase along the prior-b grain boundaries in the FZ of the 3.2-mmthick welds suggests that the cooling rate after laser welding is greater than 683 K/s (410°C/s). Hence, considering that the critical cooling rate for displacive to diffusional transformation is approximately 683 K/s (410°C/s) in Ti-6Al-4V, [36] the FZ of the 5.1-mm-thick welds most likely consists of more Widmansta¨tten a relative to the 3.2-mm-thick welds, which may be mostly martensitic. Previous work on electron beam welding of Ti-6Al-4V [37] has indicated that increasing the fraction of Widmansta¨tten relative to martensitic a¢ improves the ductility.
From optical microscopy, no significant differences in the FZ bulk microstructure were observed between the as-welded (martensite or a combined structure of both martensitic and Widmansta¨tten a in Figures 6(a) and (b)) and the SRA (tempered structure in Figures 6(c) and (d)) conditions, which is in agreement with the previous work on electron beam welding of Ti-6Al-4V. [38] However
result of the preferred growth of a platelets during the solution treatment of the sample at a relatively high temperature below the b transus. After SRA, the grain boundary a in the 5.2-mm welds becomes slightly fragmented, indicating its partial dissolution during the long holding at 811 K (538°C) during SRA. During the solution heat treatment at a temperature (1186 K [913°C] in this study) below the b transus (1253 K [980°C]), the grain boundary a phase may not fully been transformed into b, but it will be incorporated with the a platelets in the transformed b during the cooling and aging that follow. Thus, retained grain boundary a is difficult to identify in the fusion zone in the STA condition ( Figure 6(f) ).
In Ti alloy welds, the HAZ is usually classified into two subregions, i.e., near-HAZ and far-HAZ (<T b ). The near-HAZ region experienced a temperature ranging from T b to the liquidus and hence, a similar structure to the FZ is expected after laser welding. In contrast, the far-HAZ region consisted of a mixture of the microstructural constituents in both the FZ and the BM, as shown in Figure 7 . For the as-welded and SRA samples, the near-HAZ microstructure consisted entirely of the transformed b grains with martensite a¢ or a combined structure of both martensitic and Widmansta¨tten a structures (tempered for the SRA). With increasing distance away from the FZ boundary, the fraction of martensitic and Widmansta¨tten a in the far-HAZ region decreased and increasing remnants of the BM constituents were observed, namely (1) equiaxed primary a with intergranular b for the 3.2-mm-thick welds and (2) equiaxed primary a and equiaxed transformed b grains with a lamellar a + b structure for the 5.2-mmthick welds. For the STA weld, the near-HAZ region also has a microstructure similar to the fusion zone, consisting almost entirely of the transformed b grains with a lamellar a + b structure. In the far-HAZ region of the STA samples, with increasing distance from the FZ boundary, the fraction of the transformed b (with a lamellar a + b structure) decreased, whereas the primary equiaxed a fraction increased. Figure 8 shows the three different hardness profiles of the as-welded, SRA, and STA conditions for the two sheet thicknesses. Also, the variations in average hardness values for the BM, HAZ, and FZ in the as-welded, SRA, and STA conditions are shown in Figure 9 . In the as-welded condition, the maximum average hardness value (~350 HV) occurs in the FZ and the near-HAZ, and the hardness in the far-HAZ decreases from approximately 350 HV to approximately 310 HV, the BM hardness value. The occurrence of a maximum hardness in the FZ and near-HAZ is related to the formation of martensitic and Widmansta¨tten a structure and is consistent with the previous work that was reported to be approximately 360 to 370 HV in the FZ of the laser or electron beam welded Ti-6Al-4V with a thickness of 3.2 mm. [37, 39] With increasing distance from the FZ boundary, the hardness values in the far-HAZ decrease because the fraction of martensitic and Widmansta¨tten a in the microstructure decreases.
D. Microindentation Hardness
A similar microhardness profile was observed for the SRA condition for both sheet thicknesses. However, the average hardness of the FZ increased by approximately 3.8 pct and 3.9 pct in the SRA condition compared with the as-welded condition for the 3.2 and 5.1-mm thick samples, respectively. The increase in hardness as observed for the two sheet thicknesses after SRA is in agreement with the previous work that reported an increase of 4 pct for the FZ of the laser-welded Ti-6Al-4V after SRA at 823 K (550°C) for 3 hours. [39] The increase in hardness has been attributed to the partial decomposition of a¢ to a + b after SRA. Also, noting that vanadium is a b-stabilizer that renders the finishing temperature for a¢ formation (M f ) below room temperature, some retained b possibly still exists in the FZ of the weldments. In this case, the microprecipitation of the a-phase platelet from the transformation of the retained b can also occur during SRA. Because the b-phase is comparatively soft and ductile relative to the a-phase, as SRA progresses and the amount of b decreases, the hardness in the FZ and the HAZ increases. [40, 41] For the STA condition, the coarse lamellar a-b structure in the FZ exhibited a low hardness value, nearly that of the primary equiaxed a and transformed b microstructure of the BM. In particular, the FZ average hardness decreased approximately 6.6 pct and 5.3 pct in the STA condition compared with the as-welded condition for the 3.2-mm-and 5.1-mm-thick samples, respectively. The decrease in hardness is related to the coarse interlamellar a-b structure that has lower hardness than martensitic and Widmansta¨tten a. As a whole, the hardness in the BM did not change under the PWHT conditions applied in this study. However, the hardness in the FZ nearly decreased to that of the BM after STA. Table III shows the failure locations and the average joint efficiencies for the as-welded, SRA, and STA conditions. Joint efficiency is defined as the percentage of the ultimate tensile strength of the welded sample to that of the base material. The connotation of ''3 BM'' for the failure location in Table III implies that three tensile samples were tested and all failed in the BM. The FZ of the as-welded and the annealed samples for both thicknesses remained stronger than the BM, resulting in the tensile failure in the BM. However, the STA samples mainly fractured in the FZ for 3.2-mm-thick samples because of the presence of porosity as well as the coarse interlamellar a-b structure. Crack formation occurred at the underfill defect (maximum 0.13 mm) because of strain concentration and propagated through the FZ because of the presence of many pores as observed on fracture surface (as shown in Figure 11) . Heating of the sample to 1186 K (913°C) during the solution heat treatment may have resulted in hydrogen diffusion into the existing porosity because of the lower hydrogen solubility of Ti-6Al-4V at higher temperatures, thereby rendering a slight expansion of the pores in the FZ. However, these pores observed on the fracture surface are mainly precipitated during laser welding. The STA samples of the 5.1-mm thickness failed through the HAZ because of the presence of the underfill defect (maximum 0.28 mm) as well as the presence of the weak interlamellar a-b structure in the HAZ. The 5.1-mm welds have slightly lower porosity and a higher FZ hardness than the 3.2-mm joints (Figure 8 ), favoring the crack propagation in the HAZ. PWHT (SRA or STA) has no influence on the underfill depth but the underfill defect serves as an initiation site for crack formation when the BM is strong. Figure 10 shows the variations of the global tensile properties for the two thicknesses. The global tensile properties (yield stress [YS] , ultimate tensile stress [UTS], and El. pct) are similar for the as-welded and SRA welds for both thicknesses. However, a reduction in yield and ultimate tensile stress was observed for the STA samples (Figures 10(a) and (b) ) as a result of the transformation of stronger martensitic and Widmansta¨t-ten a structures to a relatively weaker interlamellar a-b structure. Elongation at fracture (El pct) indicated in Figure 10 (c) also decreased for the STA condition compared with the as-welded and SRA conditions. Particularly, the strain localization starts in the area of the underfill defect rather than in the more ductile BM. The crack may then propogate quickly through the HAZ or FZ and lead to premature tensile failure in the HAZ or FZ with a significantly reduced plastic deformation compared with the as-welded and SRA conditions. Although the average joint efficiency in terms of tensile strength is maximum for the as-welded condition and minimum for the STA condition (Table III) , the three conditions (as-welded, SRA, and STA) exhibited an efficiency in the joint strength of nearly 100 pct. Despite the yield strength and ultimate tensile strength values being comparable with that of the BM, the laser welds exhibited a significant loss in ductility after STA. It is noteworthy that a comparison of the as-welded properties of the 3.2-mm-and 5.1-mm-thick welds indicated a higher elongation at fracture for the latter, which supports the premise of a greater fraction of diffusional a in the FZ because of the slower cooling rate after laser welding of the thicker section. The SEM fractographic images reveal cup and cone fractures with dimpled structures for the as-welded, SRA, and STA conditions in both sheet thicknesses, thus indicating that ductile fracture occurred through coalescence of microvoids (Figures 11 and 12) . The STA condition for the 3.2-mm-thick sample shows the presence of many pores in the FZ that have probably formed during welding and thus already existed in the joint before the heat treatment. The heat treatment may slightly expand the size of the porosity, but it is unlikely to increase significantly the total amount of porosity. The failure location (i.e., BM, FZ, or HAZ) is indicated at the right top corner of each image.
E. Global Tensile Properties

F. Local Tensile Properties
The weld joint is a ''composite'' with three different zones that comprise of various microstructures. Thus, it is expected that the three zones will show different mechanical properties as expected from the microindentation hardness results (Section III-C). Using the ARAMIS system, it is possible to capture digital images at different stages of the tensile testing. In other words, the evolution of the deformation along the gage length of the tensile samples is recorded during tensile testing. Figure 13 shows the digital images extracted for the major strain just before the fracture for the as-welded, SRA, and STA conditions for both thicknesses. The gradients in color (or shading) indicate different strains prior to failure. From the acquired images, it is possible to create any size and any number of gage lengths and then determine stressstrain diagrams over a given gage length. Once the stressstrain diagram is discerned, it is possible to determine the yield stress and the localized plastic strain at fracture for a given location. These properties are termed ''local tensile properties'' in this study.
The images acquired by DIC were processed to understand the localized stress-strain response of the as-welded, SRA, and STA conditions. Specifically, an iso-stress condition (e.g., the same global stress at all locations) was assumed for each sample, similar to that employed by other researchers that have studied the local tensile properties in different welded alloys. [21, 22] After extracting the local strain data from the DIC images, it was then plotted against the corresponding global stress data to generate the localized stress-strain response of the sample. It is obvious from the DIC images that the strain concentration is maximum in the BM for the as-welded and SRA conditions for both thicknesses (Figure 13 ), indicating that the BM is the weakest region. Despite the presence of the underfill and porosity defects, the strain localization is minimum in the FZ where the martensitic and Widmansta¨tten a structure provides strengthening, although at the expense of ductility. Therefore, it is apparent that the strengthening effect of the microstructure in the FZ compensates for any weakening caused by the underfill and/or porosity defects in the as-welded and SRA conditions. For the STA condition of the 3.2-mm-thick weld, the maximum localized strain is in the underfill region, but the fracture was located in the FZ. This finding suggests that facture initiated from the underfill defect but propagated through the FZ where a cluster of porosities ( Figure 11 ) and coarse interlamellar microstructure caused localized weakening that permitted an easier path for crack propagation. However, the STA condition of the 5.1-mm-thick weld showed that though the maximum strain localization is still in the underfill region where the crack forms, propagation is through the HAZ, mostly likely because of the lower extent of the porosity and higher hardness in the FZ than the 3.2-mm-thick welds. Figure 14 shows the trends in the local tensile properties at fracture. The maximum plastic strain is observed to be located at the positions of fracture (Figures 14(a) and (b) ) except for the STA condition in the 3.2-mm-thick sheet that failed in the FZ because of the porosity and/or microstructural coarsening as mentioned. The as-welded and SRA conditions failed in the BM, resulting in the maximum localized plastic strains in the BM. Also, the FZ in the as-welded and SRA conditions shows the minimum localized plastic strain because of the presence of the strong and less ductile martensite. The localized plastic strains in the STA condition for the 3.2-mmand 5.1-mm-thick welds, just before fracture, show that the maximum strain occurs at the underfill regions validating the propensity for crack formation in this region. Therefore, underfill is the main and most damaging defect in laser-welded Ti-6Al-4V. Based on the evaluation of the local tensile behavior, a threshold underfill depth (6 pct of the work piece thickness) is recommended for laser-welded Ti-6Al-4V, [10] which is slightly more stringent than the AWS D17-1 [27] standard where the maximum underfill depth allowable in the weld is 7 pct of the sheet thickness. In this study, the maximum underfill depths of approximately 4.1 pct and 5.5 pct of the sheet thickness were obtained for the 3.2-mm-and 5.1-mm-thick welds, respectively. The strain concentration was localized in the HAZ, but the welds failed in the BM in the as-welded and SRA conditions. This is in agreement with the recommended threshold of the underfill depth. However, the welds failed in the HAZ or FZ in the STA condition, indicating that a lower underfill depth is required for the Ti-6Al-4V laser welds if used in the STA condition because of the weakened microstructure.
For each condition, the yield stress is minimum in the HAZ (Figures 14(c) and (d) ) and increases toward the FZ, where the value is higher than that of the BM in conditions. These may be associated with the change in the BM, FZ, and HAZ microstructures after STA, as described previously. These findings are expected because of the relative sensitivity of the mechanical properties to the processing conditions for Ti-6Al-4V; that is, the changes in thermomechanical history (e.g., cooling rate, heat treatment temperature, and deformation), and thus inevitably the microstructure, have been reported to affect the yield stress of Ti-6Al-4V markedly. [42] [43] [44] [45] It is noteworthy that the yield stress determined for the BM by DIC is almost similar to that reported by Cao et al. [13] taken from the same batch material, which validates the DIC evaluations in this work.
IV. CONCLUSIONS
Two PWHT conditions, i.e., SRA and STA, were performed after laser welding for 3.2-mm-and 5.1-mmthick Ti-6Al-4V. The effect of the PWHT was compared with the as-welded condition in terms of the weld geometry, microstructure, defects, hardness, and tensile properties (global and local). The following conclusions can be drawn:
1. Although no cracking was observed, the welds were noted to have underfill defects and porosity. The maximum underfill depth was well within the AWS specification, but underfill was the main defect because of its strain concentration effect. 2. The fusion zone structure was transformed to a platelet a with interlamellar b in the STA condition compared with the martensite or a combined structure of both martensitic and Widmansta¨tten a in the as-welded and SRA conditions. 3. Compared with the as-welded condition, SRA further increased the hardness in the fusion zone and the HAZ, whereas the STA condition decreased the hardness values in the fusion zone and HAZ. In all conditions, the fusion zone has a maximum hardness, whereas the hardness in the HAZ lies between the fusion zone and the base metal. 4. The joint efficiency in terms of tensile strength is the maximum for the as-welded condition and minimum for the STA condition, but a joint strength of nearly 100 pct was obtained for the as-welded, SRA, and STA conditions. The yield strength is also similar to that of the base metal but the laser welds show significant losses in ductility, particularly after STA. 5. Localized maximum plastic strain at fracture in the fusion zone or HAZ is much lower than that of the base metal. 6 . Compared with the base metal, the local yield stress increases in the fusion zone but decreases in the HAZ in the as-welded condition. Similar local yield strength and distribution are obtained in the SRA and as-welded conditions. However, the local yield strength decreases for all regions after STA.
